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The metastable free-energy diagrams of the Ti-Ni, Fe-Ni and Mo-Ni systems were 
calculated at room temperature using a semiempirical theory based on thermodynamic 
considerations. Ti-Ni and Mo-Ni form equilibrium-ordered compounds that are destabilized 
by particle irradiation. Effectively, Ti2Ni, TiNi, MoNi and MoNi3 amorphize after irradiation. 
In the present work, this experimental behaviour is understood by considering the 
modification of the free-energy diagrams after particle irradiation. Conversely, in the Fe-Ni 
system, a metastable fcc solid solution evolves under irradiation towards ordered FeNi. 
In this system, according to our calculation, the free-energy of the amorphous phase is 
much higher than the free-energy of any other competing phase, so the amorphous phase 
cannot be produced. Each selected alloy has an intermetallic compound (TiNi3, FeNi3 
and MoNi4) which does not amorphize by particle irradiation and whose composition 
is close to the nickel-rich end of the phase diagram. According to the calculated free-energy 
diagrams, the reason for this impossibility of amorphization would be the competition of 
the terminal solid solution with the amorphous phase. 

1. Introduct ion 
In metallic alloys, some crystalline intermediate 
phases transform into the amorphous state after par- 
ticle irradiation with electrons, ions or neutrons. 
Those intermediate phases, which have, in some cases, 
high melting temperatures, are linear intermetallic 
compounds with complex crystalline structures or 
compounds with an extended range of homogeneity 
and a simpler structure. 

Experimental work on a variety of intermetaltic 
compounds subjected to ion irradiation [1] has shown 
that the same binary alloy sometimes forms inter- 
metallic compounds that remain crystalline after 
irradiation, and others that amorphize. These experi- 
mental results and our previous study on irradia- 
ted Zircaloy [2] led us to search for the reasons for the 
transformation of ordered crystalline phase 
amorphous phase in the relative thermodynamic stab- 
ility, as modified by irradiation, of the competing 
amorphous and crystalline phases (primary solid solu- 
tions and intermetallic compounds). Such relative 
stability is reflected in the diagrams of the free energy 
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of the competing phases as a function of composition. 
The variety of alloys whose intermetallic compounds 
have been subjected to irradiation with different par- 
ticles at several doses and temperatures [3] and the 
wealth of experimental information that has to be 
considered to analyse each system (i.e. features of the 
phase equilibrium diagram, ranges of amorphization 
by conventionM methods and behaviour under 
irradiation) has compelled us to select three represen- 
tative nickel alloys, Ti-Ni, Fe-Ni and Mo-Ni, to 
develop the present analysis. Each selected alloy has 
an intermetallic compound which does not amorphize 
by irradiation and whose composition is close to the 
nickel-rich end of the phase diagram, where there is 
a substantial solid solubility. Two of the alloys con- 
sidered (Ti-Ni and Mo-Ni) form equilibrium-ordered 
compounds that are destabilized by irradiation and, 
on the contrary, in the Fe-Ni system, the metastable 
solid solution evolves under irradiation towards more 
stable ordered phases. 

The free-energy diagrams, that we have calculated 
using Miedema's semi-empirical model, and the 
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consideration of their modification after particle ir- 
radiation, makes possible the comprehension of the 
observed experimental behaviour of the Ti-Ni, Fe-Ni 
and Mo Ni alloys under irradiation. 

2. Calculation of the metastable 
free-energy diagrams 

We have calculated the free-energy diagrams of the 
Ti-Ni, Fe-Ni and Mo-Ni  alloys at 298 K. Those 
diagrams contain the free-energy curves of some stable 
and metastable phases (intermetallic compounds, 
metastable solid solutions and amorphous alloys), 
which have been calculated by using a semi-empirical 
theory due to Miedema and co-workers [4-12] and 
further developed by Ldpez et al. [13]. Detailed de- 
scriptions of the theory are given in the literature [2, 
4-13]. In the present section we only give a brief 
outline of this procedure. 

The free-energy of formation of a crystalline substi- 
tutional solid solution with respect to the pure metals 
is given by the following equation 

AG~ = AH~ - TASiaeal - -  T A S s t r  (1) 

where AHs is the enthalpy of formation, ASia~al is the 
ideal entropy of formation, and ASstr is a structural 
contribution to the entropy of formation. These terms 
are now discussed separately. The enthalpy of forma- 
tion contains chemical, elastic and structural contri- 
butions 

AH~ = AH~ + AH~ + AHstr (2) 

The chemical contribution, AHc, is due to the electron 
redistribution that occurs when atoms of two different 
types mix together. This enthalpy is controlled by (a) 
the difference between the electronegativities of the 
two components, and (b) the difference of electron 
density at the boundary of the atomic cells [4, 10]. The 
expression for A//~ contains a parameter, 7, which 
specifies the degree of chemical order in the alloy. For 
disordered substitutional solid solutions, the value of 
this parameter is 3' = 0. 

The elastic contribution, A//~, arises from the size 
mismatch between solute and host atoms. This contri- 
bution has been calculated using classical elasticity 
theory [10]. The shear and bulk moduli of the com- 
ponent metals are ingredients required to calculate 
AHe. In our case, the shear and bulk moduli of 
fcc Ni, h c p  Ti and b c c  Mo have been taken from 
Gschneidner [14]. 

The structural contribution, AH~t~, reflects the fact 
that there is a systematic variation of the crystal struc- 
ture as the number of valence electrons changes across 
each transition metal period. Similar structural 
changes are then expected when the effective number 
of valence electrons is changed by the addition of the 
solute atoms. Relative stability functions have been 
computed by Niessen and Miedema for the three main 
crystallographic structures (hcp, fcc  and bcc) for 
non-magnetic [6] and ferromagnetic metals [11], and 
AHst r is computed from those stability functions. The 
reference stability at each concentration has been de- 
fined by the linear interpolation between the lattice 
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stabilities of the two pure metals in their stable struc- 
tures at 298 K (exceptions to this criterion will be 
indicated in the discussion of the corresponding 
alloys). 

ASst  r w a s  defined by Rodriguez et al. [2] as 
a weighted average of the entropy changes associated 
with the structural transformation of each of the pure 
metals from its reference structure into the structure of 
the solid solution, (hcp, fcc or bcc). Those entropy 
values for the pure metals have been taken from tables 
presented by Kaufman and Bernstein [15]. 

The free-energy of formation of the amorphous 
alloy with respect to the pure crystalline metals is [13J 

AGa = AHc - rASideal + xi(AG,s)i + XN~(AGa~)N~ (3) 

where i represents titanium, iron or molybdenum. 
The two terms containing AGa~ give the difference in 

free-energy between the undercooled liquid and cry- 
stalline phases of each of the two pure metals, and the 
part AHo - T AXldeal is the free-energy of mixing with 
respect to the "liquid" metals. For the parameter 7, 
appearing in AHc and specifying the degree of chem- 
ical short-range order in the amorphous alloy, we 
have taken the value 7 = 5, as was previously estab- 
lished by Weeber [12]. This value is halfway between 
the values 7 = 0 (valid for random alloys) and 3' = 8 
(describing fully ordered compounds). Elastic and 
structural terms are, evidently, not necessary in the 
case of amorphous alloys. Finally, the free-energies of 
formation of the intermetallic compounds are just the 
enthalpies of formation (the chemical term with 3' = 8) 
reported elsewhere [10]. 

3. Discussion 
3.1. Ti-Ni 
The calculated free-energy diagram of this alloy is 
shown i n  Fig. 1. The phases compared are the 
amorphous alloy, the solid solutions, and the three 
ordered compounds TizNi, TiNi and TiNi3. Three 
different regions can be observed in the curve for solid 
solutions. In region 1, corresponding to a nickel con- 
centration x(Ni) ~< 5 at %, the structure is h c p, which 
is the structure of pure titanium at 298 K. When the 
nickel concentration increases above this limiting 
value, the structural term turns a b c c solid solution 
more stable than the terminal h c p phase. The b c c is 
then the structure of the solid solution in region 2. 
Finally, for x(Ni) >~ 45 at %, that is in the nickel-rich 
side, the structure of the solid solution is the fcc  
structure of pure nickel, again due to AHst ~. 

In constructing the curve for solid solutions we have 
calculated the structural contribution, AHstr, using the 
lattice stability values for non-magnetic metals [6J 
because at 298 K only alloys with a nickel content 
higher than 92.7 at % are ferromagnetic [16]. At this 
temperature, the reference structural stability was de- 
fined by pure h c p  Ti and fcc  Ni. The structural 
contribution for the terminal solid solutions based on 
h c p  Ti or fcc  Ni was then calculated by using the 
lattice stability functions as in the standard Miedema 
method [2, 16]. However, when the same method is 
used to calculate AH~t~ .for the b cc structure, the 
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Figure 1 Metastable free-energy diagram of the Ti-Ni system at 
298 K, showing the free-energies of formation of the different phases 
as functions of the nickel atomic concentration. Those phases are; s, 
solid solution; a, amorphous alloy; x, intermetallic compounds. In 
the solid solution curve, the concentrations 5 at % Ni, and 45 at % 
Ni separate the hcp (1), bcc (2) and fcc (3) phases. The regions 
labelled C and P indicate, respectively, the predicted complete and 
p~rdal glass-forming composition ranges. Common tangents tothe 
free-energy curves of several phases have been drawn (---). 

stability of this phase is overestimated. In effect, 
Miedema's method predicts that the eutectoid reac- 
tion p T i ~ T i  + Ti2Ni occurs at room temperature, 
whereas it has been effectively observed at 1038 K 
[16]. [3Ti and 0~Ti in the above equation indicate the 
terminal solid solutions based on the b c c (high-tem- 
perature) and h cp  (low temperature) structures of 
titanium. As an alternative that allows a correct de- 
scription of the phase equilibria, we have estimated 
AHst r for the b c c solid solution as a linear interpola- 
tion between the lattice stabilities of pure b c c tita- 
nium and b cc nickel. This approach was earlier 
suggested by Miedema and Niessen [8]. 

The free-energy diagram of Fig. 1 predicts, at the 
titanium-rich corner, the existence of the phase mix- 
ture Ti (h c p) + Ti2Ni and a negligible solid solubility 
of nickel in Ti (hcp). Both predictions are in good 
agreement with the assessed phase diagram given else- 
where [16]. In the range of compositions contained 
between TizNi and TiNi3, the predicted most stable 
phases are the compound TiNi(B2) and the two-phase 
mixtures TiaNi-TiNi and TiNi TiNi3. Then TiNi(B2) 
is predicted to be a stable phase at low temperature. In 
the assessed phase diagram [ 16], a single-phase region 
with ordered b c c structure (CsC1 type), enclosing the 
equiatomic composition is shown at high temper- 
atures. According to Murray [16], there is agreement 
in the literature on the extent of the single-phase 
region at temperatures higher than 1173 K. The phase 
boundary on the titanium-rich side is essentially verti- 
cal, but on the nickel-rich side the homogeneity range 
decreases sharply with temperature. The presence of 
the eutectoid reaction T i N i ~ T i 2 N i + T i N i 3  at 
903 _+ 15 K in the assessed phase diagram is opposed 

to the extension of the TiNi phase field down to lower 
temperatures, as predicted by Miedema's model. The 
existence of this eutectoid reaction has been a source 
of controversy [16]. In recent work, looking at the 
microstructures that result from sample preparation 
[1, 17, 18], the presence of TiNi(B2) coexisting in 
partial equilibrium with TizNi and TiNi3 was ob- 
served at low temperature. The starting material used 
by Brimhall and Kissinger [18] for irradiation experi- 
ments was a commercial T i N i  alloy of nominal com- 
position 49.5 at % Ti that was furnace cooled after 
annealing at 1273 K. This alloy consisted of isolated 
particles of Ti2Ni in a TiNi matrix. Our prediction 
from Fig. 1 is in good agreement with these recent 
experimental observations. 

In the experimental phase diagram [16] the high 
solid solubility of titanium in the fc c Ni (14 at % at 
1573 K) diminishes with decreasing temperature down 
to an extrapolated value of 5 at % at room temper- 
ature. The Ni (fcc) field is followed by a two-phase 
field N i ( f c c ) +  TiNi3. The free-energy diagram of 
Fig. 1 predicts, at room temperature, a maximum 
solid solubility of 7 at % Ti in f cc  Ni resulting from 
the equilibrium between the fc c solid solution and the 
compound TiNi3. This solubility compares well with 
the value 5 at % Ti mentioned above. Fig. 1 also 
establishes the existence of the two-phase field 
Ni(fc c) + TiNi3. 

Crystalline powders of nickel and titanium have 
been mechanically alloyed by high-energy ball milling 
in an inert atmosphere at T < 240 K. The resulting 
powder was amorphous between 28 and 72 at % Ni, 
and outside this range it consists of a two-phase mix- 
ture of the amorphous phase and the crystalline ter- 
minal solid solutions [19]. From an analysis of the 
lattice parameters, the extended "metastable" solid 
solubility of titanium in f cc  Ni was estimated to be 
approximately 28 at % Ti, which is significantly larger 
than the equilibrium value of 5 at % Ti. In Ti-Ni 
alloys splat cooled at rates 107-108 K s  - t ,  Polesya 
and Sluipchenko [20] observed an extended solubility 
of titanium in nickel of 22.3 at % Ti. If we admit that 
the formation of the ordered compounds can be kin- 
etically by-passed, then  in the diagram of Fig. 1 the 
common tangents to the free-energy curves of the 
amorphous alloy and the terminal solid solutions de- 
fine a complete amorphization range that extends 
between 25 at % Ni and 70 at % Ni. At the nickel-rich 
end, the common tangent defines an extended meta- 
stable solid solubility of 18 at % Ti in f cc  Ni. The 
partial amorphization range extends, on the titanium- 
rich end, between pure titanium and the amorphous 
alloy with 25 at % Ni. At the nickel-rich end, the 
partial amorphization range corresponds to the two- 
phase mixture of a metastable extended solid solution 
(18 at % Ti in nickel) and the amorphous phase with 
70 at % Ni. In conclusion, the theoretical range of 
complete amorphization of Fig. 1 agrees well with the 
ball-milling results reported elsewhere [19]. Also in 
agreement with the experimental observations, the 
model predicts an extended "metastable" range of 
solubility of titanium in fcc  Ni much larger than 
the equilibrium solubility. It should be noticed that 
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a reasonable evaluation of the limiting solubility in 
rapid solidification processes is provided by the com- 
position where the free-energy curves of the solid 
solution and the amorphous phase intersect each 
other [21]. The limit obtained from Fig. 1 applying 
this criterion is 24 at % Ti, which agrees well with the 
limiting solubility (22.3 at % Ti) measured by splat- 
cooling [203. 

By-passing the formation of ordered compounds 
during the fast quenching experiments is sometimes 
difficult. For example, Buschow prepared Ti-Ni 
amorphous alloys containing 24, 30, 35, 40, 58, 60, 62 
and 64 at % Ni by arc-melting followed by melt- 
spinning [22], and he observed the tendency to form 
glasses to weaken in the range between 40 and 58 at 
% Ni. Similarly, Pedraza et al. [23] pointed out that 
TiNi alloys of near equiatomic composition remain 
crystalline after being melted by irradiation with 
nanosecond laser pulses. In both cases, the difficulty 
for amorphization occurs at compositions near to that 
of the equiatomic compound, which is stable up to 
a high temperature and, furthermore, has a wide range 
of composition. 

The crystallization products of the amorphous 
alloys with 24 and 30 at % Ni are given by the 
two-phase mixture h c p Ti + Ti2Ni [22]. The experi- 
ments also reveal that amorphous alloys with 35 at 
% Ni and 40 at % Ni crystallize, respectively, into the 
Ti2Ni compound and the two-phase mixture 
TiaNi + TiNi [22]. The free-energy diagram of Fig. 1 
predicts a crystallization behaviour in agreement with 
these observations. 

Crystalline alloys that become amorphous by some 
conventional techniques possess intermediate phases 
that are also susceptible to be amorphized by irradia- 
tion with energetic particles like electrons, protons, 
ions and neutrons. Stoichiometric compounds, phases 
with high melting temperatures, and solid solutions 
with a narrow composition range and a high degree of 
long-range order, are often amorphized when irra- 
diated, although exceptions to this rule are frequently 
reported. Instead, pure metals and disordered solid 
solutions with wide composition range are more diffi- 
cult or impossible to amorphize. In thermodynamic- 
based discussions of the crystalline to amorphous 
transformation it is generally assumed that the in- 
crease of free-energy of the crystal associated with the 
build up of point defects, defect complexes [24] and 
chemical disorder created by high-energy particle ir- 
radiation, is stored in the lattice and provides the 
driving force for the transformation. The transforma- 
tion should occur, by some yet unspecified mecha- 
nism, when the free energy of the perturbed crystalline 
phase becomes higher than the free energy of the 
amorphous phase. 

According to the compilation by Okamoto and 
Meshii [3] partially reproduced in Table I, we see that 
Ti2Ni and TiNi become amorphous by electron ir- 
radiation even above room temperature, whereas 
TiNi3 remains crystalline. Samples where Ti2Ni was 
present as discrete particles in a TiNi(B2) matrix were 
bombarded with 2.5 MeV Ni § ions at ambient tem- 
perature and above [1, 17,18]. All specimens received 
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T A B L E  I Amorphization of Ti-Ni compounds under electron 
irradiation E3] 

Alloy Structure" e -  energy Tirrad b (K) C/A ~ 
(MeV) 

TiNi3 D024 1.2 90-300 C 
TiNi B2 0.5 2 193-473 A 

2 50 393 A 
1.5 293 A 
0.6-1.5 90-300 A 

TizNi E93 2 160 A 

a Structure of the starting compound. 
b Tirr, a: temperature of irradiation. 
c C, crystalline; A, amorphous. 

doses ~< 1 d.p.a. (displacement per atom) and of 
10d.p.a. Both phases transformed easily into the 
amorphous state after doses < 1 d.p.a., although 
Ti2Ni was reported somewhat harder to amorphize. 
Samples of both TiNi and TiNi3 present as extended 
phases [1] were irradiated to doses up to 10 d.p.a. At 
doses of 1 d.p.a, the sample consisted of a mixture of 
crystalline TiNi3 grains and amorphous TiNi grains. 
TiNi3 remained crystalline up to doses of 10 d.p.a. [1]. 
From Fig. 1, we see that if the free-energy of Ti2Ni and 
TiNi can be increased to above a critical value, both 
phases can be transformed into the amorphous phase. 
Also from Fig. 1, we see that at the composition of 
TiNi3 the formation of an amorphous phase competes 
with the formation of the Ni (fcc) solid solution. 
Attaining equilibrium between those two phases may 
be difficult because this would imply separation into 
two phases of different composition and this requires 
massive diffusion. So the resistance of the TiNi3 com- 
pound to amorphization seems to be related to this 
difficulty. 

3.2. Fe-Ni 
Fig. 2 shows the calculated free-energy diagram of the 
Fe-Ni alloy at 300 K. The phases compared are the 
three intermetallic compounds Fe3Ni, FeNi and 
FeNia, the amorphous phase and the solid solutions. 
Because pure b c c Fe and fc c Ni are ferromagnetic, as 
well as the bcc and fcc solid solutions formed by 
these two metals [25], the structural contribution, 
AHst r (see Equation 2) has been calculated by using the 
lattice stability functions for metals in the ferromag- 
netic state Ell]. The reference structural stability in 
Fig. 2 was defined by pure b c c Fe and pure fc c Ni. 
The curve for the solid solutions can be separated in 
two regions. Between 0 and 30 at % Ni (region 1 in the 
figure) the solid solution (a phase) has the b c c struc- 
ture of iron, but beyond that limit the structural term 
stabilizes the 7 phase with the fcc structure of nickel 
(region 2 in the figure). 

The calculation indicates that the F%Ni and FeNi 
compounds are more stable, although only margin- 
ally, than a mixture of FeNi3 and the iron-based b c c 
solid solution. This result may serve to interpret the 
conflicting experimental reports about the existence of 
the compounds F%Ni and FeNi. It is not clear from 
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Figure 2 Metastable free-energy diagram of the Fe-Ni system at 
300 K, showing the free-energies of formation of the different phases 
as functions of the nickel atomic concentration. Those phases are: s, 
solid solution; a, amorphous alloy; x, intermetallic compounds. In 
the solid solution curve, the concentration 30 at % Ni separates the 
bcc  (1) and fcc (2) phases. 

those reports if these two are stable or metastable 
compounds. The equilibrium phase diagram pub- 
lished elsewhere [25] proposes the two-phase 
mixture (~ + FeNis) as forming the low-temperature 
equilibrium state for concentrations between 0 and 70 
at % Ni. However, because diffusion-controlled trans- 
formations are very slow at low temperatures, it may 
occur that the equilibrium phases could not be ob- 
tained within laboratory times, and that the evolution 
towards the equilibrium phases could only be com- 
pleted when atomic diffusion is enhanced by irradia- 
tion with high-energy particles [26, 27], or for very 
long times, such as those occurring during the cooling 
of Fe-Ni  meteorites [28]. The metallic phases of me- 
teorites are predominantly composed of iron with 
4.8~48.8 at % Ni. These have undergone extremely 
slow cooling below 773 K at rates in the range 
10- L103 K per million years, and as a result, a phase 
separation into fc c regions with a higher nickel con- 
tent (~46.7-48.8 at % Ni) and b c c  regions with 
a poorer nickel content (~4.8 at % Ni) has been 
observed [-28]. The last ones may, in turn, transform 
into martensite, whereas the nickel-rich regions 
are often ordered with the FeNi L10 superlattice 
structure. 

Samples of the 7 phase (the fc c solid solution) with 
equiatomic concentration were irradiated by neutrons 
or electrons in the presence of a magnetic field 
[26, 27], and transformed into a mixture of a dis- 
ordered 7 phase and ordered FeNi. A single crystal 
with equiatomic concentration, heated to 568 K while 
being subjected to a uniform magnetif field of 
2500 Oe, was also irradiated with neutrons of more 
than 1 MeV energy, at a dose of 2.1x 1019 neu- 
trons cm-  2 [-26], and by electrons of 2 MeV [-273. The 
X-ray analysis of the bombarded sample confirmed 

the presence of an ordered structure of the AuCu-type. 
The critical temperature of the ordered phase is 593 K, 
and the ordering induces a large magnetic anisotropy. 
The existence of Fe3Ni precipitates finely dispersed in 
an f cc  matrix has been reported in the study of an 
Invar alloy [-29] although this result has not been 
confirmed later. Recent microstructural observations 
and measurements made on Fe-Ni  meteorites E30] 
have been found compatible with a phase diagram 
obtained from thermodynamic calculations including 
magnetic contributions to the free-energy [31]. The 
new phase diagram proposed [30] shows a low-tem- 
perature equiatomic FeNi phase ordered up to 573 K. 
Furthermore, the formation of FeaNi has been sugges- 
ted, although its identification is not certain. Our 
prediction from Miedema's model is that the free 
energies of FeNi and Fe3Ni are very close to those for 
a mixture of FeNi3 and a dilute iron-based b c c solid 
solution, so a strong competition between the com- 
pounds and the two-phase mixture can be expected. 
Further experimental work and more accurate theor- 
etical modelling are required to settle this question. 

At high temperatures, above 1185 K, the equilib- 
rium phase in the Fe-Ni  system is an fc c solid solu- 
tion (y phase) which extends continuously over the 
whole composition range. However, below that tem- 
perature the b c c solid solution (~ phase) based on the 
low-temperature b c c structure of the iron competes 
with the y phase, and a two-phase ~ + y region devel- 
ops. This two-phase mixture is well explained by our 
model. For  instance, at the room temperature used to 
construct Fig. 2 the two-phase region can be found by 
drawing the common tangent to the two branches, 
labelled 1 and 2, of the AG~ curve. This produces 
a two-phase region for compositions between 5 at 
% Ni and 50 at % Ni. These limits are not very 
different from the result that one obtains by extrapola- 
ting the experimental two-phase region of the stan- 
dard equilibrium phase diagram of Swartzendruber 
et  al. [25] to this temperature. The reason for compar- 
ing with the extrapolated experimental result is be- 
cause at room temperature the existence of the com- 
pounds has to be considered. As we can observe in 
Fig. 2, the y phase is totally suppressed at low temper- 
ature by the presence of the compounds. There are 
a number of experimental reports [32-34] which indi- 
cate that the Fe-Ni  phase diagram may be more 
complex than the one usually accepted [25]. Those 
reports suggest that the fc c solid solution is intrinsi- 
cally unstable at low temperature. We first refer briefly 
to those experiments and then show that the cal- 
culated free-energies support this possibility. 

Irradiation of an Invar alloy containing 34 at % Ni 
with 2 MeV protons up to a dose of 0.5 d.p.a, and at 
temperatures higher than 873 K, resulted in composi- 
tional fluctuations between 28.5 and 36.5 at % Ni, that 
is formation of crystallites of these two compositions 
with an effective crystallite radius of 220 nm [32]. This 
can be ascribed to the thermodynamic instability of 
the y phase, accelerated by radiation-enhanced diffu- 
sion [32]. Phase separation in Invar alloys irradiated 
by high doses of Ne § and Ar § ions at room temper- 
ature and at 473 K has also been reported [33]. 
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Compositional fluctuations between 25 and 50 at 
% Ni have been recently observed by irradiating 
alloys of 35 at % Ni with ions (10 -2 d.p.a, s -1) and 
neutrons (10-Sd.p.a.s -~) at temperatures up to 
800 K [34]. In the same work [34], compositional 
fluctuations between 30 and 40 at % Ni have been 
induced by annealing at 898 K for a period of 230 
days. This behaviour has been attributed to a natural 
evolution due to the thermodynamic instability of the 
3' phase, accelerated by the irradiation. 

Fig. 3 shows the calculated flee-energy of formation 
for the austenitic y Fe-Ni solid solution at three tem- 
peratures: 300, 898 and 998 K. The reference struc- 
tural stability for these curves was defined by pure fc c 
Fe and pure fc c Ni. According to the present calcu- 
lation, the y phase presents a miscibility gap which at 
300 K extends between 0 and 50 at % Ni. This low 
temperature is not very interesting for the reasons 
discussed above. The free-energy curves at 898 and 
998 K also indicate that in the range of compositions 
roughly between 10 at % Ni and 50 at % Ni, the fc c 
alloy would separate into fc c crystallites with ~ 10 at 
% Ni and ~ 50 at % Ni. This result is consistent with 
the miscibility gap in the y field and the compositional 
fluctuations observed by some workers [-32, 34], as 
well as with the spinodal decomposition observed at 
low temperature [33]. 

Fig. 2 also shows that the flee-energy of the 
amorphous alloy, AGa, is much higher than the free- 
energies of the other phases, or phase mixtures. In fact 
the amorphous phase is intrinsically unstable. This 
indicates that amorphization should be very difficult. 
In effect, experiments have shown that amorphization 
of this alloy requires extreme conditions such as 
vapour-quenching at very low temperatures (4.2 K) 
[35]. On the other hand, the failure to produce an 
amorphous phase by irradiating the FeNi3 intermetallic 
compound with high-energy electrons [36] is also 
consistent with the free-energy:diagram. The dis- 
ordered fcc solid solution stands as an available 
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phase requiring a much lower energy increase than 
the formation of the amorphous alloy of the same 
composition. 

3.3. M o - N i  
Fig. 4 shows the free-energy diagram of Mo-Ni alloys 
at 298 K. This temperature is the Curie temperature, 
To, for a solid solution of molybdenum in nickel 
containing 94.4 at % Ni, and Tc diminishes as the 
nickel content decreases [37]. Accordingly, the struc- 
tural contribution, AHstr to AGs has been calculated 
by using the lattice stability functions for non-mag- 
netic metals [6]. The reference structural stability was 
defined by b c c Mo and fc c Ni. The free-energy curve 
of the solid solution, AGs, is composed of two 
branches. The first one is the molybdenum-based b c c 
solid solution between 0 and 19 at % Ni and, beyond 
this composition, the second branch is the fc c solid 
solution. According to the assessed phase diagram of 
Mo-Ni, this system shows a peritectic and a eutectic 
reaction, three incongruently melting intermetallic 
compounds (MoNi, MoNi3 and MoNi4), extensive 
solid solubility of molybdenum in fcc Ni (at least 
above 973 K) and a very limited terminal solid solubil- 
ity of nickel in b c c Mo [37]. MoNi appears as the 
most stable intermetallic compound in the calculated 
free-energy diagram of Fig. 4, in agreement with the 
experimental result which shows that this is the inter- 
metallic with the highest temperature of invariant 
reaction (decomposition reaction) [37]. The free-en- 
ergy diagram also displays a negligible solid solubility 
of nickel in b c c Mo, in accordance with the negligible 
solid solubility that the experimental solvus line dis- 
plays even at much higher temperatures [37]. Our 
calculation also predicts a negligible low-temperature 
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solid solubility of molybdenum in fc c Ni. The experi- 
mental information on this point is not clear-cut. Only 
at much higher temperatures has the extent of solid 
solubility of molybdenum in nickel been measured, 
and an extrapolation of the solvus line to low temper- 
ature is required. There are conflicting extrapolations 
[38]. The form of the solvus line recommended by 
Okamoto [38] leads to an extrapolation consistent 
with our prediction of very low solid solubility at low 
temperature. Evidently our calculation predicts that 
the solubility of molybdenum in nickel increases with 
increasing temperature, because the entropic contri- 
bution shifts the free-energy of the solid solution down 
relative to that for the MoNi4 compound. 

The prediction from our calculations is that b c c 
Mo is followed by the two-phase equilibrium 
b c c M o  + MoNi, and the fcc nickel-based solid 
solution is followed by the phase mixture of fc c solid 
solution + MoNi4, in good agreement with the as- 
sessed phase diagram [37]. 

The common tangents to the free-energy curves of 
the metastable fc c solid solution and of the amorph- 
ous phase at the nickel-rich end, and tothe curves of 
the amorphous phase and the terminal b c c Mo solid 
solution at the molybdenum-rich end define a narrow 
range of complete amorphization that extends be- 
tween 48 and 62 at % Ni. Outside this range, Fig. 4 
predicts the existence of regions of partial amorphiz- 
ation which are two-phase fields of metastable equilib- 
rium between almost pure b c c Mo and an amorphous 
alloy containing 48 at % Ni at one end, and between 
an extended fc c solid solution containing 20 at % Mo 
and a 62 at % Ni amorphous alloy at the other end. 
Literature reporting experimental information on the 
glass formation in nickel alloys [39] states that rapid 
quenching from the melt of Mo-Ni alloys of unspeci- 
fied composition at cooling rates varying from 
105-106 K s- 1 do not lead to the formation of metallic 
glasses. However, recent work by Wang et al. [40] 
reports that an amorphous phase was obtained by ball 
milling in Mo-Ni alloys containing 40, 50 and 62 at 
% Ni, whereas the alloys containing 70 and 80 at 
% Ni consisted of nickel solid solution. This result is 
consistent with the diagram in Fig. 4. Furthermore, 
amorphous Mo-Ni alloys have been obtained by ion 
mixing [41]. Multilayers with overall composition 
MogsNi65, Mo5oNi5o and Mo65Ni35 became 
amorphous under bombardment at room temperature 
by 300 keV Xe + at certain doses. The equiatomic 
composition required the lowest dose and was there- 
fore optimum for glass formation [42]. These results 
are compatible with the free-energy diagram of Fig. 4 
because, if the formation of the intermetallic 
compounds is kinetically avoided, then the 
amorphous phase is the one with the lowest free- 
energy at the three concentrations studied in this 
experiment. In particular, the equiatomic concentra- 
tion, which required the lowest dose of the three com- 
positions, lies within the range of complete amorphiz- 
ation predicted from Fig. 4. A full analysis of the 
irradiation and post-irradiation thermal annealing be- 
haviour of those samples has been given elsewhere 
[43]. 

TABLE II Data on the amorphization of Mo-Ni compounds 
under electron irradiation [3] 

Alloy Structure a e energy Tirr~d b (K) C/A * Reference 
(MeV) 

MoNi4 D1, 1 50-1050 C [45] 
MoNi3 A3 2 293 PA [46] 
MoNi TetragonaI 2 160 A [44] 

a Structure of the starting compound. 
b Tirrad ' temperature of irradiation. 
c C, crystalline; PA, partially am6rphous; A, totally amorphous. 

The data in Table II,I~ave been taken from the ~ 
review paper by Okamotoand Meshii [3] and it lists 
the results of experiments on electron irradiation of 
the intermetallic compounds'tin the Mo-Ni system. 
Mori et al. [44] have irradiated Mo52Ni4, specimens 
with 2 MeV electrons in an ultra-high voltage electron 
microscope. Changes in the microstructure as well as 
in the selected-area diffraction pattern were monitored 
in situ during irradiation. The irradiation temperature 
was fixed at around 160 K and the electron flux at 
1 x 1024 e m-  2 s- 1 throughout the experiment. MoNi 
(tetragonal) undergoes a crystalline ~ amorphous 
transition upon irradiation. Banerjee et al. [45], have 
reported and discussed an order-disorder transforma- 
tion in MoNi4 after electron irradiation, but MoNi4 
remains crystalline. Finally, according to Yamamoto 
et al. [46], MoNi3 turns into a partially amorphous 
sample under electron irradiation. The behaviour dis- 
played by the three intermetallie compounds under 
electron irradiation is well understood from Fig. 4. 
The free-energy diagram shows that at the equiatomic 
concentration the preferred metastable phase is the 
amorphous alloy, while at the concentration corres- 
ponding to MoNi4 the preferred metastable phase is 
the fcc Ni-based solid solution and a mixture of 
amorphous alloy and solid solution is the preferred 
phase at the composition of MoNi3. 

4. Conclusion 
In the calculated free-energy diagram of Ti-Ni alloy 
(Fig. 1) the theoretical solid solubility limits for both the 
titanium-rich and nickel-rich sides are in good accord- 
ance with the assessed phase diagram [16] and the 
complete and partial amorphization ranges predicted 
by the model agree well with the ranges of amorphiz- 
ation measured in experiments of mechanical mixing 
[19]. The free-energy diagram predicts that ion and 
electron irradiations can promote the amorphization of 
TizNi and TiNi but not of TiNi3 that will remain 
crystalline. This behaviour has been experimentally ob- 
served [17, 18]. We conclude that free-energy calcu- 
lations using the Miedema's model predict the observed 
behaviour of TizNi, TiNi and TiNi3 after irradiation. 

A similar calculation shows that the three inter- 
metallic compounds, F%Ni, FeNi and FeNi3 should 
be present in the Fe-Ni equilibrium phase diagram 
(Fig. 2). We argue that kinetic barriers may inhibit the 
formation of Fe3Ni and FeNi. The amorphous phase 
cannot be obtained in the Fe-Ni system because the 
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fre e energy of formation of this phase is much higher 
than that of any other possible phases. 

Miedema's model predicts that MoNi and MoNi3 
will transform into the amorphous and partially 
amorphous phases, respectively, after electron irradia- 
tion. Instead, MoNi4 will remain crystalline (Fig. 4). 
These predictions agree well with the experiments 
reported elsewhere [-44-46]. 

The three alloy systems studied here present differ- 
ent behaviour: a great variation of amorphization 
ranges and the appearance, after irradiation, of differ- 
ent metastable phases. The different behaviour is well 
interpreted using Miedema's model. In particular, 
concerning the different propensity for amorphization 
of the intermetallic compounds under irradiation, it 
has been found that the competition of the terminal 
solid solution with the amorphous phase could be the 
reason for the impossibility of amorphization of the 
compounds TiNi3, FeNi3 and MoNi~ reported in 
the literature [1, 36, 45]. 
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